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Abstract

Poly(ethylene terephthalate) (PET) has been uniaxially stretched at different draw ratios and draw rates above its glass transition
temperature, in the 80—105°C temperature range. Molecular orientation and relaxation have been followed by birefringence. A decrease
in temperature reduces the mobility of the oriented chains resulting in a slow relaxation while an increase in stretching rate results in higher
orientation values and rapid relaxation after the extension. The same relaxation behavior has been observed from birefringence and
polarization modulation infrared spectroscopy. Rouse relaxation times have been estimated from rheological master curves and birefringence
relaxation data, while retraction and the reptation times have been deduced from the scaling laws proposed by Doi and Edwards. © 2001

Published by Elsevier Science Ltd.
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1. Introduction

The deformation of a viscoelastic material near the
rubbery plateau is followed by molecular relaxation.
Based on the tube concept, Doi and Edwards have postu-
lated the presence of three relaxation steps [1]. The first one
corresponds to a Rouse-like relaxation between entangle-
ments in order to re-establish a constant chain density; it
is followed by a relaxation which is associated with the
chain retraction inside the deformed tube; the third step
corresponds to the chain disengagement from the tube by
a reptation process. These steps are characterized by relaxa-
tion times 7,, T,, and T..

The validity of this model has been experimentally tested
on homopolymers, copolymers, and blends by different
groups [2—8]. Tassin and Monnerie [2] have studied the
relaxation of polystyrene (PS) of different molecular
weights, using infrared linear dichroism, and they have
applied the time—temperature superposition principle to
obtain master curves of the relaxation data. Thus, they
have indirectly shown that the polymer molecular weight
does not intervene in the Rouse relaxation step, but that it

* Corresponding author. Tel.: +1-418-656-3683; fax: +1-418-656-7916.
E-mail address: robert.prudhomme @chm.ulaval.ca
(R.E. Prud’homme).

0032-3861/01/$ - see front matter © 2001 Published by Elsevier Science Ltd.

PII: S0032-3861(01)00397-4

affects the retraction and reptation times. In our group,
Messé et al. [3,4] have studied the relaxation of PS and of
polystyrene/poly(2,6-dimethyl 1,4-phenylene oxide) (PS/
PPO) blends by means of birefringence and polarization
modulation infrared linear dichroism. They have directly
determined relaxation times associated with the Rouse and
retraction steps, over a wide range of temperatures. These
results are in agreement with times determined for PS by
Tassin and Monnerie [2], Boué et al. [6], Walczak and Wool
[7], and Abtal and Prud’homme [8]. For PS, the reported
Rouse times are of the order of 0.5-16 s, and the retraction
times of the order of 230-4000 s, depending on tempera-
ture, for molecular weights in the 100,000—800,000 range
[2,6-8].

The orientation of PET has been intensively investigated
in the literature, but fewer studies deal with the relaxation of
orientation of this material. Terada et al. [9] and Gupta et al.
[10] have studied the crystallization and thermal shrinkage
of PET at different temperatures and draw ratios. They have
showed that, beyond A = 3, PET develops a strain-induced
crystallization which impedes the shrinkage and where crys-
tals act as cross-links, preventing the amorphous chain
segments from assuming a random coil configuration, in
agreement with previous results reported by Nobbs et al.
[11]. More recently, Pearce et al. [12] have stretched PET
samples at 80°C at different draw rates, quenched them
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Fig. 1. (a) I/l recorded as a function of time for a PET sample drawn to a A
of 1.5, at 85°C, at a draw rate of 100 mm min~". (b) (P, (cos 6)) of the same
sample, as calculated from Egs. (2)—(4), versus time. Experiments were
normally conducted during 3600 s but only the first 20 s are shown here.

immediately after drawing in order to freeze in the orienta-
tion, and finally, studied their relaxation by infrared spectro-
scopy. They have shown that the relaxation is rapid at low
As whereas strain-induced crystallization prevents the PET
relaxation when the polymer is stretched at A = 3.

In this work, measurements of orientation and orientation
relaxation of PET have been performed at short and inter-
mediate times, using the birefringence method. They have
also been compared with the relaxation curves measured by
polarization modulation IR spectroscopy. From the orienta-
tion relaxation curves, relaxation times have been directly
calculated. In view of the close relationship between chain
dynamics and mechanical properties of materials when an
imposed deformation is applied, rheological experiments
have also been performed. Time—temperature superposition
methods, applied to the loss and elastic moduli, have been
used to determine molecular parameters such as the mole-
cular weight between entanglements and friction coefficient,
and to estimate the Rouse relaxation time. Finally, the
retraction and reptation times have been then deduced
from the scaling laws proposed by Doi and Edwards and
compared to those determined from the orientation relaxa-
tion data.

2. Experimental

The commercial films of PET used in this work were
purchased from Goodfellow (Cambridge, England). The
initial thickness of the films was 0.350 mm for the bire-
fringence, mechanical and infrared measurements, and
1.15 mm for the rheological measurements. They were
amorphous, as indicated by X-ray diffraction measurements.
They were analyzed with a Perkin—Elmer DSC-7 apparatus
at a heating rate of 10°C min~', and their glass-transition
temperature at the middle of the transition was found to be
78°C. Their intrinsic viscosity, in o-chlorophenol at 25°C,
was found to be 0.80 dI g '. From the Mark—Houwink rela-
tionship established by Aharoni, [13] the number-average
molecular weight, M, was calculated to be 32,000 g mol .

For the birefringence measurements, an apparatus similar
to that of Stein et al. [14] has been constructed in our labora-
tory. It is made of a light beam (5 mW He—Ne laser from
Melles Griot, Canada) of wavelength of 632.8 nm that
impinges, successively, on the stretched sample and on a
beam splitter. Half of the beam is detected by a photodiode
located at 90° from the light path, and its intensity is labeled
Iy; the second half of the split beam goes through an analy-
zer and its intensity / is detected by a photodiode placed in
the initial beam direction. The incident polarized light and
the analyzer are oriented perpendicular to each other and
form an angle of 45° with the sample deformation axis.
Scattering is reduced by means of a diaphragm placed
behind the sample. The detected signals are stored and
analyzed. Before positioning the sample, the analyzer is
set parallel to the polarized light beam and the two photo-
diode intensities I, and I are adjusted so that they are equal.
The 350 pm thick samples were uniaxially deformed using
a home-made stretcher at temperatures between 80 and
105°C, at constant rates of 25-100 mm min~!, and at
draw ratios (A) varying from 1.5 to 2.0. A is here defined
as L/L,, where L and L are, respectively, the initial and final
lengths of the deformed sample. The initial sample width
and length were, respectively, 5 and 20 mm for all samples.
Only stretched samples of high transmittance (70% and
more) were considered in this work.

With modern data acquisition systems, birefringence
measurements constitute one of the most straightforward
methods to evaluate both the orientation and relaxation
phenomena of polymers, starting at short times. For an
uniaxial deformation of a sample, the birefringence, A, is
defined as

Azn”—ni (1)

where n and n, are, respectively, the refractive indices
parallel and perpendicular to the stretching direction.
When a birefringent sample is placed between crossed
polarizers, the detected light intensity, 7, is given by [15]

11y = sin*(mAd/),) (2)

where A is the wavelength of the incident radiation, and d
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the thickness of the sample. Therefore, I/1, varies sinusoid-
ally as a function of time as in the example given in Fig. 1a,
for a PET sample deformed at 85°C, at a draw ratio of 1.5
and at a stretching rate of 100 mm min~'. Such data were
highly reproducible over three samples stretched at the same
conditions. As predicted by Eq. (2), each cycle of the curve
corresponds to one retardation order. The different orders
recorded between zero and time ¢, correspond to the increase
of the sample molecular orientation during the deformation.
At time ¢, (Fig. 1a), the deformation is stopped and there is a
reversal in the sinusoidal pattern corresponding to the begin-
ning of the relaxation of orientation, following immediately
the extension. The subsequent sinusoidal cycles represent
the resulting decrease in the orientation due to relaxation. It
can be observed in Fig. la that the orientation process is
rapid as compared to relaxation since the frequency of the 1/
I oscillations is higher before than after t,.

In the case of a homogeneous deformation, it can be
assumed, as a first approximation, that the sample thickness,
d, changes with the draw ratio according to the following
equation [16]

d = dy/\"? (3)

where d is the initial sample thickness. Finally, the birefrin-
gence of an amorphous polymer is related to the second
moment of the orientation function, {P,(cos 6)) by [17,18]:

A = Ay(P,(cos 6)) “4)

where Aj is the intrinsic birefringence of the sample, which
is equal to 0.275 for amorphous PET [19,20]. The results
shown in Fig. 1b indicate that the orientation function
increases rapidly and almost linearly with time up to
when the deformation of the sample is stopped. From this
point, it starts to decrease progressively indicating that
relaxation of the orientation occurs.

Measurements of orientation and relaxation were also
performed using the polarization modulation infrared linear
dichroism (PM-IRLD) apparatus described in Ref. [21],
using the same experimental conditions (stretcher, tempera-
ture, stretching rate, draw ratio) as for birefringence. This
apparatus is made of a Bomem Michelson MB-100 spectro-
meter, a wire-grid polarizer, a photoelastic modulator and
an InSb detector. Usually, the absorption bands at 1340 and
975 cm ™', both associated with the trans conformers of the
ethylene glycol segment of the repeat unit [22,23], are used
to study the orientation and relaxation of PET. In this work,
the thickness of the sample did not allow quantitative
measurements due to a too high absorption of the infrared
beam. However, the band at 3336 cm ' can be used for that
purpose, as described in details in a future article [24].

Stress measurements were performed with an Instron
model 5565 testing machine equipped with a 5 kg load
cell and a home-made environmental chamber. Sample
dimensions and stretching conditions (temperature, draw
ratio, and stretching speed) were the same as those used in
the birefringence measurements.
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Fig. 2. (P,(cos ) versus draw ratio during stretching. The draw rate was

100 mm min ..

For rheological tests, a Bohlin rheometer, equipped with
a parallel plate geometry of 25 mm diameter, was used. A
disc-shaped PET sample of 1.15 mm in thickness was
subjected to an oscillatory stress and the resulting strain
was measured. The isothermal evolution of rheological
parameters such as storage modulus G’ and loss modulus
G" was recorded as a function of frequency ranging from
0.05 to 150 Hz. These measurements were made, every 2.5°,
between 80 and 105°C (near the glass transition).

3. Results and discussion

Fig. 2 shows the orientation function versus A during
the deformation of PET samples stretched at a deforma-
tion rate of 100 mm minfl, at 85, 90, 95 and 100°C. As
can be seen, there is a non-linear increase of (P,(cos 0))
with A and the curvature becomes more pronounced as
the temperature is raised, indicating that there is more

1.2
10 F
g [
A [
2 o8l
v L
S
) [ 85°C
a™ 06 | .
v i ——90°C
= L ——95°C
A
o 04r —100°C
S [ y
~ 02F v
9 [
v \
00 |
-lll 1 i Lags sl aaaa bl ol i 1 1

1500 2000 2500 3000 3500 4000
time (s)

0 500 1000

Fig. 3. Normalized PET relaxation curves versus time at different tempera-
tures. Samples were stretched at a draw rate of 100 mm min and A = 1.5.
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Fig. 4. Normalized PET relaxation curves versus time at different draw
rates. Samples were stretched at 85°C and A = 1.5.

relaxation. The orientation behavior shown in Fig. 2 does
not follow the Gaussian network model which predicts an
increasing slope in the orientation function plotted as a
function of A, as given by [25]

(Patcos ) = 5 (= 1) )
where N is the number of freely jointed links between
network entanglement points. Several authors [9,11,12]
have suggested that PET behaves as a rubber-like
network when deformed at low to moderate draw ratios
(A =2.5) but Clauss and Salem [26] have shown that,
when relaxation effects during the deformation are
important (especially at low draw rates and high
temperatures), this model is not applicable.

The relaxation curves, taken after stretching films to z,, at
the same temperatures, are shown in Fig. 3. For easier
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Fig. 5. Relaxation curves of PET samples stretched to A = 1.5 at a draw rate

of 100 mm min "

measurements.

, at 90 and 95°C, as measured by birefringence and stress

comparison, these are normalized with respect to the value
at t = 1, In all cases, the relaxation is initially rapid as indi-
cated by the sharp drop of (P,(cos 6)) at short times, then
slows down, to finally reach a quasi-plateau at longer relaxa-
tion times. The higher the temperature, the more rapid is the
relaxation, which is due to the increase in polymer chain
mobility which accelerates the relaxation.

Samples stretched to a A of 1.5 at a slow draw rate (for
example 25 mm min~') in the temperature range of 85—
100°C remain amorphous, as indicated by their transmit-
tance which remains above 70%, by the absence of sharp
diffraction peaks in X-ray diffraction, by infrared spectro-
scopy and DSC measurements. When the draw rate is
increased to 100 mm min ! (as in Figs. 2 and 3), the
samples stretched to a A of 1.5 at 85°C also remain amor-
phous, as indicated by the same techniques. In the 90—
100°C temperature range, infrared spectroscopy shows a
slight increase in the trans conformer (1340 cm”! band)
with time, DSC shows traces of crystallinity, whereas trans-
mittance (and birefringence) and X-ray diffraction measure-
ments, which are perhaps less sensitive, do not detect any
crystallinity. Finally, at higher temperatures (105°C and
more), the transmitted intensity decreases to below 25%
with time and the birefringence set-up used in this article
becomes useless under these conditions, while X-ray
diffraction shows the presence of narrow diffraction peaks
assigned to the crystalline phase and DSC shows an increase
in the degree of crystallinity to about 8%.

Other samples were deformed to A =2 at draw rates
varying between 25 and 100 mm min ', at temperatures
between 85 and 100°C. All samples remained transparent
(70% transmission or more) and birefringence relaxation
measurements (not shown here) were not affected. For
example, under the same draw rate and temperature condi-
tions, the normalized relaxation curves obtained at A = 2,
1.75 and 1.5 are similar. As expected, at a temperature of
105°C, the sample transmittance dropped to less than 30%,
indicating crystallization, as found for A = 1.5.

Normalized relaxation curves obtained after stretching
samples to A =1.5 at draw rates of 25, 50, 75 and
100 mm min~" are shown in Fig. 4. Immediately after
stretching, chains relax faster for higher deformation rates
but, at longer times, the difference between these relaxation
curves diminishes. Near the rubbery plateau, the polymer
orientation involves both a viscous flow due to the slippage
of molecules and an elastic chain alignment. Upon deforma-
tion, at high stretching rates, the contribution of the viscous
flow decreases in favor of the elastic deformation, resulting in
higher orientation values; when the deformation is stopped,
there is an elastic driving force on the aligned molecules to
recover rapidly their initial coiled shape, resulting in a rapid
initial relaxation step. Conversely, a low deformation rate
increases the chain slippage contribution at the expense of
the chain elastic alignment, resulting in low orientation
values and in a slower initial relaxation step.

PET samples were also elongated on an Instron machine
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Fig. 6. A comparison of normalized PET relaxation curves obtained by
birefringence and PM-IRLD. Samples were stretched at 90°C, at a draw
rate of 100 mm minfl, to A =1.5.

to a draw ratio of 1.5, at a rate of 100 mm min~' and at

temperatures of 85, 90 and 95°C. The (relative) variation
of the stress needed to maintain the deformation is shown in
Fig. 5 as a function of time at two temperatures. The results,
normalized with respect to the stress measured when the
extension is stopped (att = t.), are compared to those of
birefringence obtained under the same deformation condi-
tions. The two sets of results are very similar: the higher the
temperature, the lower the stress (or birefringence) and the
higher the relaxation rate. Under these conditions, the stress-
optical coefficient (SOC) [1,25], which is defined as the
ratio of birefringence to true stress, remains almost constant
(about 7 X 107? Pafl) over the entire relaxation time at 85
and 90°C, in agreement with the values of 5.5-
6x10 °Pa”! reported in the literature [27,28]. As the
temperature increases to 95°C, the SOC slightly increases
to 10x 10 °Pa~' for the first relaxation stage, but
diminishes progressively with time to reach the SOC values
obtained at the two other temperatures.

Fig. 6 shows the birefringence and PM-IRLD relaxa-
tion curves of samples (350 wm in thickness) stretched
to a A of 1.5 at 90°C. Within experimental error, the
two curves are similar, including the same limiting
values at long times. This is an independent confirma-

Table 1
Characteristic data for PET

M, (gmol ") 32000

M, (g mol ™) 2500

G° (Pa) 1.5%10°
[n] g™ 0.80

a*¢ (dyne s cm) 3.88x 107
ct 8.5

CE (°C) 26

T, (°C) 78

Tins (°C) 52

T, (°C) 242

tion of the quality of the birefringence relaxation curves
recorded in this study.

PET has been deformed near its T, where the chain
dynamics are intimately related to the polymer structure
as characterized by molecular weight, molecular weight
between entanglements and friction coefficient. In this
region, Doi and Edwards have postulated that the relaxation
is the sum of three processes: Rouse, retraction, and repta-
tion [1]. In this context, the Rouse time, 7, is a function of
the number of repeat units between entanglements, n,, as
shown by the equation

L _ @EMIMo)” ©
: 6mkT

where M. is the molecular weight between entanglements,
M, the repeat unit molecular weight, n, = M./M,, a is the
characteristic length of the repeat unit, ¢ the friction coeffi-
cient, k the Boltzmann constant, and T the temperature. The
retraction time, T, is proportional to the square of the chain
molecular weight, following the expression

Ty = 27,(n/n,)* (7)

where 7 is the number of repeat units per chain defined by
M, /M,, n. the number of repeat units between entangle-
ments, and M, the number-averaged molecular weight.
Finally, the reptation time, 7., is proportional to the cube
of the chain molecular weight, as expressed by

7. = 67,(nin,)’ (8)

The determination of 7,, 7, and 7. using the Doi—Edwards
theory requires, therefore, the knowledge of M., a and &,
which can be obtained from rheological measurements (M,
has already been determined from viscosity measurements
— see Table 1).

3.1. Determination of Me

Oscillatory shear measurements were performed in the
T, region. The isothermal storage and loss moduli G' and
G" were obtained as a function of frequency. Curves
obtained at different temperatures were superposed in
the standard manner into respective master curves by
the use of the time—temperature superposition principle
[29,30]. Horizontal shift factors (at) were determined by
eye. No vertical shift was used. Fig. 7a shows the master
curve of G' and G” at a reference temperature, 7T,, of
85°C. The scatter in G” at high frequency arises from
the fact that, in this region, the data start to deviate
from the linear viscoelasticity behavior. In the abscissa,
log ar, which is defined as the shift factor, depends on the
temperature through the WLF equation

@ -Ty) _T-Ty o)

0 [ €))

log ar

where C(l) and C(z) are two viscoelastic constants at the
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reference temperature 7. These constants can be calcu-
lated from the slope and the intercept of the (T — T,)/
log ar versus (T — Ty) plot (Eq. (9)), and can be reported
to the glass transition temperature (C§ and C3), using well
known equations [29]. The temperature, T, at which the
cooperative motions involved in the glass transition would
appear at infinitely low frequency, is related to 9 as

Tig = Ty — C3 (10)

The values of C§, C5, and Tiy were calculated using the
usual equations, and the results are reported in Table 1.

The pseudoequilibrium modulus of the entanglement
network, Gg, is related to the average molecular weight
between entanglements through [29]

_ 8&PRT

G
M,

(1D
where g, is a numerical factor assumed to be unity, R the gas
constant, and p the density. p was calculated to be
1.25 gcm ™ at 85°C since it varies from 1.34 at 25°C to
0.989gcm_3 at 275°C [31]. The master curve of tan J,
defined as the ratio of G” to G’, passes through a minimum,
as shown in Fig. 7b. The modulus G’ at the frequency where
tan & is at its minimum is equal to Gg. The values of Gg and
M. calculated from Eq. (11) are 1.5X 10°Pa and
2500 g mol ', respectively. Wu has determined for PET a
GY value of 3.1x10°Pa at 548 K using an empirical
equation which relates the plateau modulus to the crossover

modulus and to polydispersity [31]. This value, which is
slightly higher than that obtained in this study, leads to an
average molecular weight between entanglement of
1450 gmol_l. Lorentz and Tassin [32] have reported a
value of M, of 1200 g mol ™! while, from viscosity measure-
ments [13], Aharoni has estimated the critical molecular
weight of entanglements M. (roughly twice M.) to be
about 3500 g mol .

3.2. Determination of a*&

In the transition region, there is a small frequency range
where G’ is equal to G”, and both are proportional to the
square root of the frequency f (Fig. 7a). According to the
Rouse theory, the relaxation times are sufficiently short to
allow using the following expression [29,33]

/ " apN 12,172
G =G = (4M0 )[5kT/3] f (12)
where N is the Avogadro number, the other parameters
having already been defined. From Eq. (12), it is possible
to calculate the product a’¢ since the values of G’ and G”
are known in this region. Another experimental method to
determine a’¢ is to draw two lines of slopes 0 and 1/2 in the
plateau and transition zones, respectively, in a double loga-
rithmic plot of G’ against frequency. The frequency inter-
section point, f,, of the two lines is related to the a*¢ factor
through [29]

fo= (13)
a“(M./My)~&

Although the plateau of slope 0 is never seen in Fig. 7, the
method described by Eq. (13) can still be used in first
approximation. The values of a*¢ calculated from Egs.
(12) and (13) are then in good agreement and only an
averaged value is reported in Table 1.

Then, using Eq. (6) and the parameters given in Table 1,
7, has been calculated to be 2 s at 85°C. On the other hand,
Ferry has reported that, according to the Rouse—Moony
theory, the onset frequency, f,, of Eq. (13) is also equal
to [29]

fi = 871, (14)

where 7 is the longest relaxation time in the transition zone.
From Eq. (14), 7 is calculated to be about 2.2 s, in agree-
ment with the above-mentioned value of 7,. The two other
relaxation times 7, and 7. deduced from the scaling laws
given by Egs. (7) and (8) are, respectively, 655s and
420 min.

3.3. Relaxation times derived from birefringence

Since the relaxation of orientation has an exponential
form in the Doi—-Edwards formulation, relaxation times
have been calculated by fitting the birefringence relaxation
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curves with exponential equations such as

Paty = S A, exp(—iim) (15)
i=1

1

where P,(f), A;, and 7; are, respectively, the orientation func-
tion at time ¢, the pre-exponential factor, and the relaxation
time. The use of hyperbolic and stretched exponential
functions was eliminated since the first function gives a
poor fit with experimental results, while the second predicts
a linear relationship in a double logarithmic plot of the
orientation versus time, in disagreement with our experi-
mental results. A sum of only two exponential functions
also leads to a poor agreement with the experimental results.
However, a satisfactory correlation between the experimen-
tal and the theoretical curves has been obtained using a sum
of three exponential functions (n = 3).

Fig. 8 shows a comparison between the experimental
birefringence curve and the calculated curve using Eq.
(15) with n=23. As shown in the insert, the calculated
relaxation curve slightly deviates from birefringence data
at short times, where it is systematically above the experi-
mental data. This means that the fitting procedure used
slightly overestimates the first relaxation time. The calcu-
lated 71, 7, and 73 values thus obtained at 85, 90, 95 and
100°C are shown in Table 2. As expected, these relaxation
times decrease when the temperature increases. At 85°C, 1,

Table 2
Relaxation times of PET films stretched at A = 1.5 and at a draw rate of
100 mm min !

Temperature (°C) 71 (8) 75 (8) 73 (8)
85 22 366 6830
90 19 320 4550
95 14 222 3120

100 11 144 1910

is higher than the Rouse time calculated from rheological
data in the previous section but considering the very differ-
ent origin of these two sets of data, and the overestimation
mentioned above, the general agreement found is consid-
ered satisfactory. Moreover, it can be argued that the bire-
fringence 7; is subjected to a systematic error because the
sample deformation was not instantaneous (see Fig. 1) and
some relaxation already occurred during this period of time.
Finally, it is recognized that rheological measurements were
made in the linear viscoelastic regime since the strain
imposed on the sample is of the order of 1% whereas the
birefringence measurements involve large deformations. In
view of this important difference, it may not be surprising to
obtain slightly different 7, values by these two methods.
Experimental errors of the order of *5, =50, and £400 s
are estimated for, respectively, 7|, 7,, and 73, although it is
larger than that for 75 at 85 and 90°C because the values
reported in Table 2 lie outside the range of the experimental
measurements.

Birefringence 7, and 75 values are much smaller than the
reptation time (obviously, the relaxation measurements
made in this study do not cover the reptation step) but are
of the same order of magnitude as the retraction time calcu-
lated from rheology data and the scaling law, Eq. (7). It is
also noticed that 73/7 (from Table 2) and 7/7, (from Eq.
(7)), which equal 310 and 327, respectively, are quite close.
The assignment of the experimental relaxation times to the
different chain relaxation dynamics modes of PET still need
to be done. An attempt has already been made by Messé et
al. [3,4] to fit the experimental relaxation curves of PS
homopolymers and PS/PPO blends, using similar exponen-
tial equations. They have determined three relaxation times
Ty, T2, and 75 and have associated 7; with 7,, and 75 with 7
in the Doi—Edwards framework, whereas 7, has been attrib-
uted to a difference in the friction coefficient which may
exist between the chain ends and the middle of the chain.
Additional measurements need to be done to confirm this
interpretation.

4. Conclusions

The orientation and the relaxation of orientation of PET
have been determined by birefringence. During the defor-
mation, the orientation increases with the increase of both
draw ratio and stretching rate, and decreases with tempera-
ture. This is explained by the presence of two competitive
phenomena: orientation and relaxation. After the extension,
the polymer starts to loose its orientation. An increase in the
temperature increases chain mobility, resulting in a rapid
relaxation, while an increase in the stretching rate reduces
chain slippage to the detriment of the elastic deformation,
resulting in high orientation values which relax rapidly after
the extension. Relaxation times have been determined from
birefringence curves and the shortest one agrees reasonably
with the Rouse relaxation times determined by rheological
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measurements. Finally, molecular parameters such as PET
molecular weight between entanglements and friction
coefficient have been determined from rheological master
curves.
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